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Abstract 

New physically based models for the substructure evolution, the recrystallisation 
kinetics, grain size and texture after single and multipass hot deformation of 
aluminium are presented. The approach taken differs from similar models developed 
for steels. The models discussed here rely on the calculation of the stored energy 
during deformation and the subsequent recrystallisation kinetics and related reaction 
products such as grain size and texture. Much effort has been directed towards 
identifying the nature of the nucleation sites for recrystallised grains of different 
crystallographic orientations. This is essential in order to elevate the model from an 
empirical to a physical level, the latter being necessary for a good insight into, as well 
as control of, the rolling process. Particle stimulated nucleation, nucleation from cube 
bands and grain boundary areas have been incorporated in the model. These 
concepts are then applied to some examples from commercial production of 
aluminium sheets. 

Introduction 

Processing of aluminium alloys normally consists of mechanical working operations 
designed to effect shape changes efficiently and heat treatments for structure control 
to achieve desired physical and mechanical properties, important processes being 
forging, extrusion, hot and cold rolling. Hot rolling (or plane strain compression) is 
the mode of deformation discussed here, because of its commercial importance, and 
the scientific challenges imposed in predicting strength, grain size and texture. 
Industrial hot rolling is a multipass process with recrystallisation frequently taking 
place between the passes. The multipass aspect increases the level of complexity 
since one has to account for partially recrystallised regions receiving further 
deformation and subsequent recrystallisation. A schematic diagram of the principles 
of modelling the microstructural evolution in multipass hot rolling is shown in Fig. 
1 (from Ref. 1). The diagram includes two types of inputs: (i) External variables, i.e. 
the effective strain, strain rate and temperature and (ii) internal variables, i.e. 
microstructural features such as volume fraction transformed, grain size, texture etc. 
In a structure model for rolling, the equations are used sequentially to describe the 
dynamic microstructural changes taking place during a pass, and the static micro-
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Figure 1. Schematic diagram of the principles of modelling microstructural evolution 
in mulitipass hot rolling (2). 

structural changes taking place between passes, and after rolling is completed, as 
illustrated in Fig. 1. 

While few attempts have been taken for aluminium, several modelling approaches for 
the development of microstructure and its effects during multipass hot rolling of 
steels have been reported (2-11). However, in these models a lot of empiricism has 
been necessary to fill the gap in physical understanding. In the present review a 
physically based model for the evolution of microstructure during hot rolling of 
aluminium is presented. The review is based on extensive micro level investigations 
in SEM, utilising the EBSP-technique, and in TEM, which have provided the basis 
for the understanding of the fundamental mechanisms for the microstructure 
evolution taking place (12-17). These investigations concern both nucleation and 
growth of recrystallised grains with an emphasis on the cube texture, due to its 
technological importance. This work has resulted in a preliminary model (18) 
predicting recrystallisation kinetics, grain size and texture after multipass hot rolling 
of aluminium. 

The present review is based on (besides information in the general literature) the 
outcome of three major research programs: (i) In 1992 a Strong Point Center was 
established at NTH/SINTEF (Materials Departments) with the objective of developing 
microstructural modelling of metal processing. (ii) A French-Norwegian collaborative 
program (1989-93), the participating industrial partners being Pechiney and Hydro 
Aluminium and research partners Ecole des Mines de St.Etienne and NTHISITNEF, 
and (iii) A major European Community program (1991-94) of industrial partners, 
Alcan International, Hydro Aluminium and Pechiney, and research partners the 
Materials Departments at the University of Sheffield, Manchester, NTH/SINTEF and 
at Riso, for details on the latter program see Ricks et al. (19) and Sellars et al. (20). 
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Microstructural Modelling of Constitutive Laws for 
Steady State Deformation 

In developing a structure model the first objective becomes to account for the roll-gap 
reaction, for obvious reasons. What is needed is a simple, but at the same time 
reasonably accurate, description of the substructure evolution in the sequential 
process outlined in Fig. 1. With this objective in mind we recommend the following 
"two-level-approach": 

(i) A global description in order to define the total stored dislocation 
density, Ps' from which the applied stress, cr, and stored energy, Po, can 
be calculated, the latter quantity fuels the subsequent interpass 
softening reaction. 

(ii) A local description in order to characterize the nature and distribution 
of the different deformation heterogeneities. An interpass 
recrystallization model requires such a characterization as these 
heterogeneities will control the nucleation aspect. 

The first of these points will be covered in this section, the second topic becomes an 
important element in the subsequent modelling of the interpass softening reaction. 

Background 

Based on extensive investigations of the steady state conditions for creep and hot 
working, Sellars and Tegart (21) demonstrated that the flow stress was well 
represented by the following relation: 

1 

1 A . h( Z )" cr "- rcsm -
'a' A' 

(1) 

where a', A', n are temperature independent constants and Z is the Zener-Hollomon 
parameter, Z=e exp UlkT, where e is the applied strain rate and U is an activation 
energy. This relationship is widely used in the modelling of metal forming processes 
such as hot rolling, forging and extrusion. The good fit between experimental 
observations and theoretical predictions is illustrated in Fig. 2, where the saturation 
stress for two aluminium alloys, tested in plane strain compression (22,23), are 
plotted as a function of Z. In calculating the Z values both Ref. 2 and 3 have used 
the commonly selected activation energy U=156000J/mol. It is pointed out, however, 
that Eq. 1 is a purely empirical relationship from which no basic physical mechanism 
can be inferred. This applies also to the selection of the activation energy, as a given 
such value defines a set of constants, a', A' and n. To illustrate this point, consider 
the plane strain compression results given in Fig. 2: Although the results obtained 
on both the AllMnlMg alloy (22) and the AlO.3FeO.15Si alloy (23) are well 
represented by Eq. 1, it is not possible, based on the result from one of these alloys, 
to predict the behaviour of the other. Or in other words, Eq. 1 has no prediction 
power outside the alloy conditions tested, to which data the parameter U, 
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Figure 2. Steady state flow stress as a function of the Zener-Hollomon parameter for 
the alloys given with the activation energy fixed at 156 kJ/mol. 

u', n and A' have to be fitted for each case examined. Nes (24) has in a recent work 
explored the possibilities for deriving an alternative, physically based relationship 
which is capable of correlating the steady state flow stress both to the alloy condition 
and the microstructural characteristics of steady state deformation. This work is 
briefly reviewed in the following. No attempts were made by Nes to model the 
"through-the- roll-gap" work hardening, only the steady state condition was treated. 
In handling dynamic work hardening we recommend a conventional Voce-analysis (1) 
in combination with the present steady-state approach. 

The model developed by Nes (24) rests on the assumption that during steady state 
deformation of a pure metal, or stable solid solution, the substructure can be 
adequately described by a few microstructural elements, the two most important ones 
being the ceillsubgrain size 0 and the dislocation density in the cell interior, Pi' Based 
on this microstructural description several possible approaches can be taken in order 
to calculate the flow stress, as discussed in detail in Ref. 25. Two interesting 
treatments being the composite theory due to Mughrabi (26,27) and Pedersen et al. 
(28) and a modification (25) of the original Kuhlmann-Wilsdorf (29,30) link length 
model. However, as shown in Ref. 25 both approaches predicts a relationship of the 
form 

't = 't; + u 1 Gb~ + u2 Gb -i (2) 
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where 'ti is a frictional stress, G is the shear modulus, b is the Burgers vector and <Xl> 
IX..! are constants. Based on an extensive investigation of the substructure evolution 
during hot deformation, Sellars and coworkers (23,31) have demonstrated that during 
steady state the principle of similitude applies in the sense that the separation of 
dislocations within the cells (V'l/Pi) scales with the cell size 3: 

fP:- = Crl3 (3) 

w?ere Co is .a constant of typical value of the order 5. Combining this relationship 
WIth Eq. 2, It follows that the steady state flow stress can be expressed in terms of 
~nly one microstructural parameter, namely the ceillsubgrain size 3, i.e. 

(4) 

-:vhere <x'J = (CS<X1 + <x'z), with <Xa expected to be of the order 3. In terms of the present 
::nicrostructural picture the stored energy can be written: 

1 
Pv = rp, ... qSH -

/) 
(5) 

where r~Gb2/2 is the dislocation line tension, 1SB is the sub-boundary energy 
(Ysll~<X4GbeOnee!e) with <x4=V4n(1-v) and e~3° is the sub-boundary misorientation) 
and K is a geometrical constant (K~3 for a uniform, regular substructure). 
Combination of Eqs. 3 and 5 gives: 

[
bCS ] b Pv = 0.50 T ... 0.050'8 (6) 

Selecting Co~5 then the second terms will totally dominate as long as 3>0.4pm, i.e. 
during hot working Po = 0.05Gb//) becomes a very good approximation. 

The Steady State Subgrain Size. The next step is to derive an expression for the 
subgrain size, 3. On the assumption that during steady state deformation the 
principle of similitude applies (i.e. 'l/Pi = Crlo) the steady state subgrain size will be 
defined by the following differential equation: 

[dO-] [dO'] 
de t, OK ... de t, T = 0 

(7) 

The first, athermal, term defines the rate at which new sub-boundaries are created 
while the second term gives the subgrain growth rate due to dynamic recovery. An 
expression for the athermal, d/)'/dt-term, is obtained by reasoning as follows: If 
metals are deformed at room temperature one finds that the variation in the average 
subgrain size with strain follows a 0 vs £ relationship which is of a similar type for 
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Figure 3. Subgrainfcell size as a function of equivalent strain. The size is normalized 
to the value found at £=1.5. After Gil Sevillano et al (32). 

a range of metals, and independent of the mode of deformation as shown in Fig. 3. 
(Taken from the work by Gil Sevilla no et al. (32)). In Fig. 3 the variation in the 
inverse cell size is also given (broken line), and it can be seen that this quantity 
varies linearly with strain for £> 1. This is an interesting observation in view of the 
fact that the flow stress commonly is correlated with the inverse cell size. 
Accordingly, this result is consistent with a linear Stage IV work hardening 
behaviour. From Fig. 3 it follows that deformation at room temperature for strains 
e>ylMwl gives lJo=(O.7+0.09y)/o'=1.5 which in combination with Eq. 2 gives a Stage IV 
work hardening rate of en=O.09a.2Gb/o'=1.5w2. 10·4G (for Cu, O,.1.5=O.29J..1m (32), <Xzw2.5 
and b=2.56·1O·!Om) which is a very reasonably RT-value indeed. As e~~/el:~w2 (see Gil 
Sevilla no (33)) the dO'/dt-term at OK takes the form 

[dO-] 
dt OK 

(8) 

Recovery during static annealing of deformed metals has recently been treated by Nes 
(25) and Furu et al. (34). These works demonstrate that static recovery can be 
satisfactorily treated based on an internal state variable approach comprising two 
variables, i.e. the celllsubgrain size and the dislocation density in the cell interior. 
A similar approach will be tried here in handling the dynamic case. In terms of the 
basic physics involved, the two types of recovery reactions (static and dynamic) are 
both expected to be driven by forces derived from the free energy changes associated 
with a reduction in the stored energy (25, 34). No attempts will be made here in 
accounting for the growth reactions in mechanistic terms, for such details see Refs. 
25 and 34. In the following treatment of the steady state flow stress, dynamic 
recovery will be incorporated by assuming a situation where the sub-boundary 
migration is controlled by solute drag, in which case the dynamic growth rate 
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becomes: 

do+ [ U/) . h PVa
b 

__ = bVDCB exp - - sm --
dt kT kT 

(9) 

Where VD is the Debye frequency and 11;' is the interaction energy between the solute 
atom and the boundary dislocation core. P is the driving pressure for subgrain 
growth (P=2YSB/O, see Ref 34). v:: is the activation volume (Va == l~hb where l~ is the 
separation of solute along the boundary dislocation line and h=b/8 is the separation 
of boundary dislocation where 8 is the average sub-boundary misorientation). CB is 
a constant which needs to be determined experimentally. The steady state subgrain 
size is now obtained by combining Eqs. 7, 8 and 9: 

PV b 
__ a> 
kT 

1 
1: 5' U/ kT I ( . <:2C ) kT I Z<:2C - + - n eu 2 = - n u 2 

Ct Ct Ct 

PVa
b 

l' 1 = [ kTeC2 U/jlf3 _ [ kTZC2 jt13 
-- < . - --- exp -- - ---
kT 0 C t kT C t 

(10) 

(11) 

/C7:_ere Ct = 2YsBVab = 6C1.4Gl.bb 3 C
2 

= M 4·1Q-4/VDb 2CB and M is the Taylor factor 
: i = yIM). 

In aluminium alloys, the variation in subgrain size with T and t during steady state 
hot deformation has been studied by several workers (22, 36, 37), the result becoming 
an empirical relationship of the form: 

..! = A • In Z-B' o 
(12) 

where A' and B' are constants. The observations by Castro-Fernandez et al. (22) are 
plotted in Fig. 4a and the data are equally well accounted for by both Eqs. 11 and 12. 
In both cases an activation energy of U? = 156 000 J/mol is used. It follows from this 
treatment (Eq. 10) that we have no sim~le substructure-Zener-Hollomon relationship. 
This is illustrated in Fig. 4a by solving Eq. 10 for different strain rates. It follows 
from Fig. 4a that within the investigated Z-range the empirical Eq. 12 gives a very 
good fit. However, outside this range care must be exercised in using Eq. 12. This 
point is well illustrated in Fig. 4b, where the subgrain size variation is plotted as a 
function of deformation temperature, data taken from Furu and Nes (38). The 
Castro-Fernandez results are also included in Fig. 4b. Note that based on these data 
it is not possible to draw any conclusion regarding the precise value of the activation 
energy. For a more detailed discussion of this important point, see Ref. 38. 
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Figure 4. Dependence of subgrain size on: a) instantaneous Zener-Hollomon 
parameter and b) on deformation temperatures, for more details see the text. 

The Steady State Flow Stress is obtained by combining Eqs. 4 and 10 which gives: 

cr "cr .• M.,Gb[u.kTln '(u.}I1Gbl'C'j = cr+ M~GbkTln Z(a.:)1G)
2
C2 (13) 

• • C,' (cr -crV • C, cr _cr2 
11 , 8' t 

The derivation of this equation is based on the assumption that Pvt',/kT~l under 
which conditions the frictional stress crj can be treated as a constant over a 
considerable range in E/T variations. This relationship can be nicely fitted to the 
observations of Castro-Fernandez et al. (22) as illustrated in Fig. 5. For a further 
analysis of the application of this model to the deformation of aluminium alloys, see 
Refs. 24 and 38. 

Modelling Multipass Hot Deformation 

A Short Review of Some Existing Models. 

Several models for the evolution of microstructure during hot rolling of steels have 
been developed over the last 10-15 years, e.g. (2-11). Typical for these models is that 
they rely on empirical relationships between parameters such as the time for 50% 
recrystallisation, to.5' and the recrystallised grain size, Drox' and state variables like 
temperature (T) and strain (e) and microstructural variables such as initial grain size 
(Do) and the steel chemistry. These relationships are typically of the form 
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to" • A ,. no' z·o oxp (~; 1 (14) 

Drex = B Dod e-f 

where A, B, a, b, c, d and f are constants and Q is the activation energy for 
recrystallisation. The kinetics of static recrystallisati~n has been assumed to be well 
described by an Avrami equation of the form 

(15) 

where X is the volume fraction recrystallised after an interpass annealing time t and 
C and k are constants. 

One obvious problem concerning these equations is the manifold of empirical tuning 
parameters which have to be determined specifically for each material and pre­
processing history by comprehensive laboratory tests. Further, this situation is 
frustrating since these general equations will be able to describe about any 
recrystallisation process without actually revealing the important parameters and the 
physics behind the transformation. The danger of obtaining a good modelling result 
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without really understanding the process is indeed present. 

Another disadvantage of these types of models is the lack of concern about the origin 
of the recrystallised grains. Exceptions in this connection are models which 
incorporate the amount of grain boundary areas where nucleation is assumed to take 
place (39, 40). Without the knowledge of the origin of the recrystallised grains, the 
models will remain at an empirical level and limit the ability to understand and 
control the process. The points made here emphasis the need for a better insight into 
the physics of the nucleation and growth reaction of the recrystallisation 
transformation. 

The multipass aspect complicates the modelling by introducing the necessity to 
account for partially recrystallised regions receiving a further deformation and 
subsequent recrystallisation in the following passes. Two different approaches are 
typically reported, differing in the way of calculating the effective strain. The 
simplest model is to assume a single average microstructure with an effective strain 
e'.u=ej+A(1-X;.\)e;.\ where A is a constant and X;.\ is the fraction recrystallised between 
the two passes of strains e;.\ and e; (5,41-43). In other words, the residual strain is 
eliminated in the recrystallised fraction, but is unaffected in the un crystallised 
fraction, so a weighted average can simply be taken for the effective residual strain. 
This effective strain is taken as input in Eqs. 14 and 15 in a standard manner. The 
other approach as taken by the group of Sellars [2] and others [6,44] is to subdivide 
the partially recrystallised region according to the amount of recrystallisation and to 
follow each new sub-region separately for the remainder of the rolling process. The 
fully recrystallised volume fraction, X;.l' is assumed to recrystallise independently 
with a strain of e; while the unrecrystallised fraction l-X;.l' is modelled using an 
effective strain of e;+e;.\. Clearly, several cycles of partial recrystallisation within 
these sub-regions result in a plethora of ever smaller zones with different 
microstructures. To prevent these zones becoming insignificantly small a limit of 
typically 5% recrystallisation is required before a new sub-region is created. 
Likewise, in excess of 95% recrystallisation is rounded up to 100%. This latter 
approach seems to have the best physical basis in the opinion of the present authors. 

For aluminium alloys, the modelling is at a much earlier stage of development than 
for steels. Published data in the form of Eq. 14 and 15 are sparse. In those cases 
where such an approach has been taken, e.g. in Ref. 45, it has turned out to be 
difficult to describe recrystallisation during hot rolling properly by these equations. 
It is concluded that the simulated microstructures appear unrealistic <the main 
objection being a too large predicted grain size) and that some important unresolved 
questions in relation to modelling hot rolling of aluminium exist. This insufficiency 
is assumed to be due to large particles in the form of PSN (particle stimulated 
nucleation) speeding up the recrystallisation process or precipitates retarding the 
reaction through a Zener drag. 

It appears that a more sophisticated and fundamental description of the 
microstructure evolution is required for AI-alloys than for steels. This description has 
to include a physical characterisation of the potential nucleation sites for 

27 

/ 



recrystallisation and their respective efficiency under various deformation conditions, 
An approach based on such principles has the additional advantage of predicting the 
texture evolution. In recent works by Furu et al.(46) and Vatne et al. (18) efforts in 
this direction are presented, some important elements from their treatments follow 
below. 

A Microstructural Model 

A physical model for recrystallisation during and after hot deformation must respond 
in a predictable and reasonable way to deformation conditions like strain, strain ra~ 
and temperature (or Zener-Hollomon parameter Z) and material characteristics like 
particle size distribution, initial grain size and texture. The models by Furu et al. 
(46) and by Vatne et al. (18) were constructed on the basis of the following basic 
assumptions: 

(i) The final grain structure/texture is the result of the competition 
between growing grains which originate from a limited number of 
different types (categories) of sites where each site category has a 
density, Ni , and a characteristic orientation relationship to the 
surrounding matrix (texture component), 

(ii) near site saturation nucleation kinetics applies 

(iii) the sites are randomly distributed in space, and 

/ .(iV) the recrystallization texture is a result of oriented nUcleatio~. . 

ApplYing the standard assumptions (Johnson-Mehl-Avrami-Kolmogorov kmetlcs) of 
site saturation and a random distribution of nucleation sites, the following 
transformation kinetics law is obtained: 

(16) 

where ~(t) is the fraction recrystallised after the n-th pass after an inter-annealing 

time t and X.~ is the corresponding extended volume. The latter is determined by 

(17) 

N;.'OT is the total number of nuclei after pass n. Go is the growth rate of recrystallized 
grains, given by the expression 

(18) 

When p~ is the driving pressure due to the stored energy, defined by Eqs. 5 and 
10/11, p~ is the Zener drag term, and the mobility expression is of the form 

28 

Laurenz
Rechteck



(19) 

where Mo is a constant, UGB is the activation energy for grain boundary migration, 
and Tn is the temperature during the interpass annealing between the n-th and the 
(n+1}th pass. The mobility is assumed to be orientation independent. 

Further, when the fraction recrystallised is determined the grain size in the 
recrystallised regions after the n-th pass, Dn , can be calculated by: 

(20) 

and the volume fraction of the j-texture component, Rj', within the transformed 
material after the n-th pass is given by 

(21) 

The challenge now becomes to keep track of the total number of nucleation sites 
during the complex situation of partly recrystallised subregions. After the first pass 
the situation is rather simple: 

(22) 

After the second rolling pass, the situation becomes more complex. Due to the partial 
recrystallisation with a transformed fraction Xl' the material now consists of two 
subregions; Xl and (l-X I ), which must be treated separately. The number of sites 
after the second pass is thus given by: 

(23) 

where N/·2 is to be understood as the density of i-sites in the material fraction which 
survived the first pass without recrystallising, while N! are the i-sites formed during 
the second pass in the volume fraction which recrystallized after the first pass. The 
total number of nucleation sites after the n-th pass can be formulated 

N n = X l: N n + ni:.
2 

X [nit (l-X )] . [l: N i • I •... Il ] TOT n-l I I k I 
i ).0 k-j+l j 

(24) 

where Nf'I .... J1 is the number of i-sites origi~ating from volume fractions which have 
survived the passes (j+1) to (n-1) without recrystallising, while N? is due to i-sites 
that recrystallized in the pass prior to the n-th. 
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Figure 6. Maximum orientation density along the ~-fibre versus <1>2 for samples taken 
at different stages of hot rolling. AllMn1Mg alloy, centre section of the sheet, from 
(12). 

The problem of modelling multipass recrystallization is now reduced to: (i) 
rationalizing the basic assumptions listed above, (ii) identifying the salient texture 
components and (iii) calculating the site density Nf, of a given texture component 
after the n-th pass. This task, however, requires firstly a review of experimental 
observations. The experiments which will be reviewed pertains to plane strain 
compression of commercial purity alloys (AA 1050) and hot rolling of a commercial 
AllMn1Mg 3004 alloy. 

The Evolution of Texture and Microstructure 
during Hot Rolling. 

Hot Rolling Texture 

-I 

The texture evolution during hot rolling of an AllMn1Mg alloy has recently been 
studied by Daaland (12) and Daaland and Nes (13, 14). They reported that the 
rolling textures after hot rolling are qualitatively similar to the textures observed 
after cold rolling. However, the balance between the main components of the ~-fibre 
is usually different and fairly often a strong Bs component is found at the mid­
thickness location of hot rolled sheets, as shown in Fig. 6. During reversible rolling, 
frequent recrystallization occurred in-between rolling stands, and the texture in the 
central layer was therefore found to resemble a mixture of rolling and annealing 
texture components. On the mechanisms controlling the stability of the B, component 
during hot rolling see work by Hirsch (47) Hollinshead (48) and Maurice et al. (49). 
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(a) (b) 

Figure 7. ODFs showing the recrystallization texture of the Al1Mn1Mg alloy after 
final hot rolling and subsequent annealing at 330°C. (a) surface section (b) centre 
section. From (12). 

Origin of the Cube Texture Component in Hot Rolling. 

The hot rolled AllMn1Mg alloy investigated by Daaland and Nes (12, 13) revealed 
a strong cube texture after annealing at exit gauge, Fig. 7. From the X-ray ODF-data 
the volume fraction of cube texture was estimated to -23%. It is interesting to 
observe that the cube texture shows a major scattering around all the principal 
sample coordinates, ND, RD and TD. At a 45° RD rotation, a subsidiary peak exists 
corresponding to the Goss texture {llO}<OOl>. In addition to cube and Goss a weak 
R orientation is also found as part of the recrystallization texture. Texture 
measurements performed on surface section-samples (Fig. 7a) shows a slightly 
weaker cube texture (-17%), however, the R component seems to be intensified. 

The origin of the cube orientation has been a topic of much debate, investigation and 
speculation over a number of decades. This spectacular recrystallization texture 
component has been the main battle ground in the campaign between the ideas of 
"oriented nucleation" and "oriented growth" and strong support has been given in 
favour of both theories. One of the main objections to an oriented nucleation 
mechanism was the fact that early workers failed to find any cube orientation within 
the deformation texture. However, more recent electron microscope investigations 
have convincingly demonstrated that small volumes of cube orientation are indeed 
present in the as-deformed structure. 

Stability of the cube orientation during hot rolling. There is substantial evidence 
from cold rolling experiments on cube oriented single crystals (50-52) and cube 
textured polycrystals (53, 54) that the cube orientation is unstable during large 
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Figure 8. Channelling contrast micrograph showing the occurrence of cube oriented 
subgrain bands in the deformation microstructure of the AllMn1Mg alloy, final hot 
rolling gauge. (111) pole figures below the micrograph illustrates the scatter in 
orientations within each cube band. From (12). 

rolling reductions. In the case of hot deformation of aluminium, however, increasing 
evidence from recent investigations (47, 55, 56) seems to suggest that the cube 
orientation can be relatively stable during large rolling reductions at high 
temperatures (>O.6Tm ). Further evidence concerning the stability of the cube texture 
component in hot deformation has been found in the investigation of an Al1Mn1Mg 
alloy by Daaland and Nes ( 12, 13). Using the EBSP-technique, the occurrence of the 
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cube orientation was investigated in samples taken at different gauges during the 
multipass hot rolling schedule. Investigations of samples taken after reversible 
rolling revealed a major portion of the cube orientation to be recrystallized grains. 
At the final hot rolling gauge, narrow bands or sheets of cube oriented subgrains 
were detected in the as-hot rolled deformation structure, extending for distances in 
the millimetre range along the rolling plane, Fig. 8. These cube oriented bands are 
separated from their neighbouring orientations by high angle boundaries and 
positioned in-between stable rolling texture components. Investigation of the 
neighbouring matrix orientations close to the cube bands showed no systematic 
orientation relationship. The "neighbourhoods" were generally found to consist of all 
possible orientations within the global orientation distribution. The lack of a gradual 
orientation variation across the cube band with typical divergent zones on each side 
of the band, therefore seems to rule out a possible transition band mechanism in the 
present hot rolling case. A rational and simple explanation to these observations 
seems to be that the cube oriented bands simply represent "old" cube grains which 
have survived a number of rolling passes. In other words, it seems appropriate to 
discuss "survival" rather than "formation" of cube during rolling. 

In the context of the stability of the cube orientation some very recent observations 
by Akef(51) and Maurice and Driver (52) are of special interest. These authors have 
studied the stability of cube oriented single crystals (of pure Al and AI-Mn) during 
channel-die plane strain deformation at different temperatures. Their results are 
shown by means of (l1l)-pole figures in Fig. 9. During deformation at 200°C (and at 
room temperature) the crystal decomposes into a rather complicated set of 
orientations characterized by rotations of opposite sign about axes near to the TD and 
ND, Fig. 9a and c. The observed orientation splitting produces deformation bands 
separated by transition bands ofthe cube type, in accordance with the Dillamore and 
Katoh pr~diction. At 400°C, however, the initial cube is obviously more stable. Also 
during high temperature deformation a slight spread about TD is observed, but the 
cube orientation remains at the centre of this TD rotation up to large strains, Fig. 8b 
and d. These single crystal observations really support the suggestion of a 
metastable cube during elevated temperature deformation. 

As part of the European Community funded project referred to in the introduction, 
the stability of cube oriented areas during deformation of an AAI050-alloy has been 
investigated. In order to have a controlled set of deformation conditions, specimens 
were plane strain compressed at Alcan International, Banbury Laboratory and 
Pechiney, Voreppe. Figure 10 shows the results of the investigations of the cube 
stability during deformation (Vatne et al. (16». The figure is based on EBSP-scans 
in the normal direction in the transverse-longitudinal section. In Fig. lOa the 
average width of all detected cube areas is shown and b shows the line fraction of 
cube. Both the width and the line fraction is plotted as a function of strain for 
different Zener-Hollomon parameters. This EBSP-based analysis of the variation in 
the volume fraction of cube with increasing strain is in Fig. IOc compared to macro 
texture measurements for 1050 variants of various initial cube fractions as reported 
by Bolingbroke et al. (57). These variants were all deformed in plane strain 
compression at 400°C at a rate 2.5s· l

. Although the data display a certain scatter the 
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Figure 9. (111) pole figures obtained by EBSP, showing the orientation after hot 
channel die compression (10=1.5) of cube oriented single crystals; Pure Al: (a) 250°C. 
£=lO·~S·\ (b) 400°C. £=10·2

S·
1 (Akef (51». AI-%Mg: (c) 200°C, £=10·1

S·
1
, (d) 400°C, 

£=10·3s· 1 (Maurice and Driver (52». 

trend is clear, the volume fraction cube decreases with strain, dropping to about one­
half at a strain of about 1.5. The data in Fig. 10c all refer to a Zener-Hollomon 
parameter of about 5·1012

S·
1
• Increasing the Zener-Hollomon parameter makes the 

cube orientation even more unstable as indicated in Fig. lOb. However, more work 
is required in order to quantify the strain rate and temperature effects on the 
stability of the cube orientation during deformation. 

Subgrain Size Distributions and Local Variations in Stored Energy 

The subgrain structure in hot rolled AllMn1Mg (exit gauge) has been investigated 
by Vatne et al. (17). In terms of the average subgrain size there seems to be no 
significant differences between the typical deformation texture components S, Cu, Bs 
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and Goss, while the average size of cube grains is significantly larger than those of 
the others. The most interesting difference, however, between the cube and the other 
subgrains pertains to the nature of the size distribution. The cube subgrain size 
distribution, Fig. 11, shows a long tail of extremely large subgrains which are not 
found in other components. Both cube subgrains and other subgrains show a log. 
normal distribution. A similar difference in the subgrain size distribution comparing 
cube oriented texture components and texture components of other orientations have 
been observed in a plane strain compressed 1050 alloy by Vatne et al. (16). 
Continued work by Vatne (unpublished) on plane strain compressed 1050 was 
directed towards quantifying the local variation in both subgrain size and sub. 
boundary misorientation, and some preliminary results are presented in Table 1. 
Note that the stored energy is about 30% above the average in the S-texture 
component, and 25% below the average in the B.-component. This may explain the 
reported preferential nucleation and growth from sites located in the vicinity of S· 
texture components (15, 16, 58) and that the B. components is the last one to be 
consumed during recrystallization (12,13). 

Table 1. 

Components 

# subgrains 

o[pm] 

0[°] 

PoocO/o 

PJPo 

Subgrain sizes and misorientations in various texture 
components. Alloy 1050, plane strain compressed (T=400°C, 
E=2.5, e=2) 

S Cu Bs Goss Cube Ran. 
. Ran. 

.. 
zone 

150 92 97 84 58 44 89 

3.84 4.03 4.41 3.90 5.48 4.28 4.11 

7.78 6.18 5.35 6.01 8.57 20.6 13.3 

2.1 1.5 1.2 1.5 1.6 - -

1.3 0.9 0.75 0.9 1.0 - -

Narrow random zones between stable texture comp0nents 
Mixture of random zones and ~-fibre components outside the main ones listed 

On the Nucleation of Cubes 

As demonstrated above the widths of all observed cube areas (Fig. lOa) fall into the 
size range that is expected from a compression/smearing out mechanism, with a band 
width distribution that becomes narrower with increasing strain. Further, no signs 
of transition bands have been found. This means that virtually all cube areas after 
deformation are due to old cube grains present in the material prior to the 
deformation. The subgrain size measurements (Fig. 11) explains why the cube bands 
are so potent nucleation sites. It follows from the long tail in this distribution that 
some subgrains within the cube bands are overcritically large already at the as 
deformed stage. The reason for the large cube subgrains is unclear, but might be due 
to the orthogonal burgers vectors of the two most active slip systems. This unique 
cube geometry will facilitate annihilation of active dislocations and thus provide an 
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enhanced recovery rate as proposed by Ridha and Hutchinson (59). However, what 
is important in this context is that these large subgrains do exist. While other 
orientations need annealing to develop successful nuclei, the cube nuclei are already 
present with overcritical size in the as deformed stage. This, of course, makes cube 
subgrains very potent nucleation sites. . 

Other Nucleation Sites and the Origin of Random Texture 

As already pointed out, the recrystallisation texture of hot rolled aluminium consists 
mainly of grains of cube and random orientations. There has been a consensus for 
many years that randomly oriented grains are due to particle stimulated nucleation 
(PSN). After the thorough investigations of cube bands and the nucleation from these 
(see above), it seems like more confidence can be put into the cube nucleation 
mechanism than in PSN. Also, a recent analysis by Weiland et al. (60) showed that 
less than about 50% of all recrystallised grains could be associated with particles and 
20% with old cube grains, while the recrystallised texture contained about 75% 
randomly oriented grains. i.e. a significant fraction of random grains were nucleated 
elsewhere. Their analysis was for a cold rolled aluminium Al-Mn(Fe,Si) alloy where 
PSN is assumed to be especially potent due to the formation of deformation zones 
around large particles during cold deformation. In the case of hot rolling the 
deformation zones around particles are partly suppressed by recovery processes 
retarding the efficiency of PSN (61). Thus, a model based on PSN and cube sites 
exclusively, would propose extremely large grains and a cube fraction approaching 
100% at high temperature deformation or a low Zener-Hollomon parameter, which 
is not observed experimentally. These facts give reason for questioning the PSN 
activity, and an additional nucleation mechanism for a random texture seems to be 
required for a proper description of the texture evolution. This mechanism should be 
activated at least at high temperatures (low Zener-Hollomon parameters), but will 
probably be outrun by PSN at lower temperatures. Such a mechanism has recently 
been proposed by some of the present authors (46), the points being as follows: 

It is well known that typical textures develop during deformation, the stable (ideal) 
orientations being reasonably well predicted by the Taylor theory. For hot rolling of 
aluminium, the stable orientations belong to the Bs, Sand eu components. EBSP 
investigations of various hot deformed aluminium alloys (lxxx and 3xxx series) have 
revealed that inbetween these stable deformation texture components "thin sheets" 
of subgrains with random orientations are found (see Table 1). This deformation 
pattern seems reasonable when arguing along compatibility lines; in order to provide 
compatibility between stable grains of different orientations during the deformation 
process, more slip systems are active in the periphery of a grain (cnf. the idea of 
relaxed constraints). This leads to a deformation zone with large rotations and strain 
accumulation between the various texture components, note also the very large 
misorientations between subgrains (Table 1) belonging to these random zones. A 
speculation now becomes that these deformation zones around the old grain 
boundaries can act as nucleation sites for a random recrystallisation texture. 
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Figure 12. (a) Fraction recrystallized material as a function of annealing time and 
plotted in order to determine the Avrami exponent, n. (b) Plot of the extended 
interfacial area per unit volume as a function of annealing time. AllMn1Mg alloy 
(12). 

Nucleation Kinetics and Growth Rate 

The modelling of recrystallization requires knowledge of the nucleation kinetics. 
Daaland and Nes (12,14) have investigated a hot rolled AllMg1Mn alloy during static 
annealing at the exit temperature, with the result given in Fig. 12. The progress of 
recrystallization may be described by the familiar Avrami equation. By plotting 
log(ln(I/(l-~(t») vs. log t the Avrami-exponent can be obtained as shown in Fig. 12a, 
and the n value is found to equal 2.4. This value correspond to those commonly 
found in recrystallization but is smaller than those expected from the classical 
analysis. With constant growth rate in 3 dimensions n should be 3 and 4 for the site 
saturation and Johnson-Mehl case, respectively. By determination of the boundary 
area (S) in addition to the volume fraction of recrystallized material (~) per unit 
volume, it is possible to deduce the nature of the time dependence of the nucleation 
process, i.e. whether a site saturation or Johnson-Mehl type kinetics. This analysis 
is based on a Laplace transform methodology proposed by Gokhale and DeHoff (62) 
and further applied to recrystallization by Vandermeer and Rath (63). A stereological 
point counting procedure was used in order to evaluate Sv' From these data the 
extended interfacial area per unit volume, S can be calculated from the following 
definition (according to DeHoff (64): vox' 

S =~ 
vex (I-X) 

(25) 

A plot of Svex versus annealing time now gives us a straight line with slope m, as 
shown in Fig. 12b. According to the above mentioned methodology the nucleation 
kinetics will be site saturated or time dependent (Johnson-Mehl) when the quantity 
3m-2n equals 0 and 1, respectively. In the AllMg1Mn alloy investigated here, the 
quantity 3m-2n was found to equal 0 and it is concluded that the available nucleation 
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sites are activated in a time so short it may be considered to be zero relative to the 
total transformation time, i.e. a situation near site saturation kinetics is the most 
realistic. 

The growth reaction was also studied in detail by Daaland and Nes (12,14), with 
special attention focused on comparing the growth of cube oriented grains to those 
belonging to other texture components. However, the possibility of an oriented 
growth effect was ruled out since growth rate measurements showed no higher 
growth rates for cube grains, although the average size of the cube grains was 
measured to be approximately 15% larger than those of other orientations. This size 
difference was attributed to other mechanism. In the 1050 alloy variants 
investigated by Furu et al. (46) the grain size measurements in the fully 
recrystallised condition showed a similar 10% difference between cube grains and 
grains of other orientations, i.e. a small oriented growth effect cannot be excluded but 
seems less likely. 

Modelling Recrystallization 

The objective of the rather extensive review of experimental observations presented 
above was to justify the four basic assumptions (see above) on which the present 
model is rested. In terms the number of site categories, Ni , three such will be 
included in the model, i.e. NPSN due to particle stimulated nucleation (PSN), Nc due 
to cube oands and NGn which originates from the turbulent grain boundary zones. 
According to works by Furu et al. (46) and Vatne et al. (18) these site densities can 
be calculated as shown below. 

In order to obtain a new grain from a potential nucleation site the following criterion 
(Gibbs-Thompson) has to be met; the nucleus has to reach a partially or fully high­
angle character with a curvature that satisfies the following relationship: 

R> 2YGB 
PD-Pz 

(26) 

where YGn is the grain boundary energy, R is the radius of the nucleus, Pz is the Zener 
drag pressure and PD is the driving pressure (stored energy) for recrystallisation, 
during hot deformation defined by Eqs. 4 and 10. 

Particles 

Since the celebrated work by Humphreys (65, 66), particle stimulated nucleation 
(PSN) has been accepted as an important and often governing nucleation mechanism. 
The obje'ctive of the developed model is to predict the softening reactions in 
commercial AI-alloys containing large undeformable second phase particles. 
Therefore, PSN is a natural starting point. Nucleation is assumed to take place in 
the deformation zones that develop around large, undeformable, particles during 
deformation. The nuclei created in the turbulent deformation zones are assumed to 
have random orientations. The critical particle size for a successful nucleation event 

39 



is given by the familiar Gibbs-Thompson equation: 11'= 4YGI/3(PD-PZ)' Following Il. 

standard calculation procedure the density of PSN sites, NPSN' becomes: 

N pSN = CpSN f fi11)d11 
(27) 

~. 

where [(11) is the particle size distribution, and CpsN is a modelling constant 
determining the average number of new grains generated from each particle. In 
aluminium alloys the large-particle-size-distribution (frequency distribution) is in 
general well represented by a relation of the form: [(11)=H exp(-L11), where Hand L 
are characteristic distribution parameters. And it follows that Eq. 27 can be written 
on the form: 

NrnN • Crn.t'. exp (- ;,: 1 (28) 

where No=NIL and CPE is a constant which needs to be determined experimentally. 
This latter constant includes the distribution parameter L and reflects the 
uncertainties in quantifying parameters like grain boundary .energy and stored 
energy. 

Cube sites 

It has been documented above that the nucleation of the cube recrystallisation 
texture component is associated with "old" cube grains which have survived a number 
of rolling passes, by which a configuration capable of regenerating new cubes has 
been established. The following observations summarise the basis for this nucleation 
mechanism: 

(i) "Old" cube oriented grains remain metastable during deformation. The cubes 
that survive the deformation are deformed to band-like shapes which upon 
annealing act as nucleation sites for new cube grains. 

(ii) Subgrains within the cube bands have a size advantage compared to subgrains 
of other orientations, with a typical size distribution having a long tail towards 
large subgrains .. 

The nucleation mechanism for the cube recrystallisation texture component is 
schematically illustrated in Fig. 13. A strain-induced-boundary-migration type of 
mechanism is assumed by Furu et al. (46), i.e. the boundary area of all "old" cubes 
are regions from which the new cubes can be nucleated. 

It follows that the density of cube sites, Nc' is given by 

Nc = /iA(e)Rc<!-RC>Sc' 
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Figure 13. Nucleation of cube, schematically. 

where I) is the average subgrain size (determined by Eqs. lO_or 11, A(E) is the surface 
area per unit volume of cube grains of initial average size D that have undergone a 
deformation of an effective strain E, Re is the instantaneous volume fraction of cube 
Since a c~be grain with another cube ~~ neighbour. cannot provi~e c';lb~ nuclei, onl; 
the fractIOn (l-Re) is included, and Se IS the denSIty of subgrams mSIde the cube 
regions with diameters larger than a critical value given by 

I)' = 4YGB 
(PD-PZ ) 

From simple geometry it follows that 

R 
A(E) = 2 ....; exp(E) 

D 

(30) 

(31) 

where D is the average size of the cube grains in the material prior to deformation. 

The number of subgrains per unit volume larger than 0' is 

(32) 

where fe(Ii)=dnjdl) is the subgrain size frequency distribution in 3D (dne is the nurnb 
of cube subgrains per unit volume of size between I) and I)+dl). As this distributi el' 
is properly quantified experimentally (Fig. 11), this integral can easily be sOlv~~ 
numerically. By combining Eqs. 29-32 the density of cube sites now becomes 
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2OR.(1-R)Sc· exp (10) 

D 

Grain Boundary Sites, Randomly Oriented 

(33) 

As suggested by Furu et al. (46), the turbulent grain boundary zones (see above) may, 
in addition to the PSN-sites, contribute to the fraction of randomly oriented grains. 
This nucleation mechanism is based on a Bailey and Hirsch type of mechanism very 
analogous to the mechanism presented for the cube texture above. In analogy with 
Eq. 32 the density of overcritical nuclei in these random zones become 

Sdn = jran(O)dO (34) 

6' 

where fGIl(o) is the subgrain frequency distribution function in the GB-zones, and the 
total density of grain boundary sites is given by 

20Sdn 
Nan = -_- exp(€) (35) 

D 

Multipass Hot Deformation 

In this case of three site categories, N1'SN' Nc and NGIl, the total number of nucleation 
sites after the n-th pass as defined by Eq. 24 can now be written on the form 

N 1?ar = N~n+Xn_/Ncn+N;n)+EXi' [II (l_Xj)lw~+1· .. ·,n+N~~I .... ,n] 
i-O -l+l JL 

(36) 

where N!+I ..... D is the number of cube sites originating from cube areas that have 
survived the passes (i+l) to (n-l) without recrystallising while N~ is due to cubes that 
recrystallised in the pass prior to the n-th. The expression for N!+l ..... n is of the from 

(37) 

where the function fis specified in Eq. 33. Grain boundary sites are to be treated in 
a similar manner. 
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Figure 14. Recrystallized grain size (a) and volume fraction cube (b) vs the Zener­
Hollomon parameter. Experimental results; deformation by PSC (Shahani (67», for 
more details see (Furu et al. (46». 

Model Predictions 

"Single Pass", Plane Strain Compression 

A series of 1050-type alloy variants have been processed by plane strain compression 
at a range of different conditions by Alcan International (Bolingbroke et al. (49» and 
Pechiney (Shah ani (67». The reported grain sizes and cube volume fractions are 
plotted as functions of the Zener-Hollomon parameter and strain in Fig. 14 and 15 
respectively. The model predictions, achieved by combining Eqs. 20 and 22 with Eqs. 
18, 33 and 35, are also included in Figs. 14 and 15. The modelling curves in these 
figures have been generated by fitting the e=2-modelling-case to the two encircled 
grain size observations and the cube volume fraction in Fig. 14a and b, respectively. 
The model then provides the shape of the e=2-curve as well as the shapes and 
positions of the e=0.5 and e=l curves. (For more details on the model-tuning­
procedure, see Furu et al. (46». It follows from Fig. 14 that the model predictions are 
reasonably good, both in terms of the effect of varying Z as well as changing the 
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Figure 15. The effect of strain and initial cube volume fraction on the recrystallized 
cube texture. Experimental results (deformation by PSC, 400°C, £=2.5s· 1 (Bolingbroke 
et al. (57» and model prediction (Furu et al. (46». 

amount of hot deformation, e. Bolingbroke et al. (57) have investigated the effect of 
strain on the volume fraction of cube (after subsequent recrystallization) at a constant 
strain rate and temperature, comparing alloys processed to give different initial 
volume fractions of cube oriented grains. Their results are compared to the model 
predictions in Fig. 15, which for strains £> 1 also are reasonably good. 

Case Study: Multipass Hot Deformation of AA3004 

An AA3004 alloy (can stock material) was chosen as a modelling case by Vatne et al. 
(18). The material was assumed to have an initial ingot grain size of 250pm and an 
initial cube fraction of about 5%. The particle size distribution in this type of 
material has been found to be well described by selecting N =1.0·10 16m·3 (12) and 
L=1.3·10~m·l. According to (17) the dislocation density correlaOtes with the subgrain 
size as given in Eq. 6 using C.=2.5. The mathematical basis for the present model 
has been outlined above. Although all equations are formulated on a physical basis, 
some modelling constants are unavoidable. This is partly due to uncertainties in 
measuring fundamental properties (like mobility, grain boundary energy, dislocation 
density and stored energy), uncertainties concerning the strength of the various 
nucleation mechanisms and the fact that some properties are material dependent. 

Due to the commercial interest in hot rolling of aluminium, no company is willing to 
reveal any details in their pass programs. Thus, the hot rolling schedule for rolling 
a 600mm thick slab down to 2.5mm in 13 passes is based on reasonable guessing. 
The 10 first passes are performed by reversible rolling giving an increasing inter­
annealing time between the passes while the 3 last passes are done on a 3-stand 
tandem mill resulting in very short inter-annealing times. After the last pass the 
material js allowed to recrystallise fully by self-annealing ( for more details see Ref. 
18). 
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Figure 16. Hot rolling of 3004, model predictions. 13 passes with a 3-stand tandem. 
For more details see the text. 

Precipitation during homogenization and hot rolling of3004-type alloys will result in 
a high density of finely dispersed particles. Therefore, a Zener drag caused by these 
dispersoids was included in Eqs. 18, 26, 27 and 30. As the value of this Zener drag 
is difficult to determine, two cases were studied; one with a low Zener drag of the 
order Pz-0.25·105J/m3 and one with a higher, Pz-0.9·1Q5J/m3

• The combination of 
low driving pressure and the Zener drag prevents recrystalliation during the first 
passes, as can be seen in Fig. 16a. In the case ofa high Pz no recrystallization takes 
place until the 9th pass while it starts after the 6th for the low Pz case. The fraction 
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Figure 17. Volume fraction cube at the exit gauge as a function of exit temperature. 

of recrystallised material increases with increasing pass. number due to higher 
driving pressure and longer inter-annealing times. The absence of recrystallisation 
during the first passes allows the areas of cube surface and grain boundary regions 
to build up. Thus, these two nucleation mechanisms become more potent compared 
to PSN. This results in a relatively strong cube texture in the transformed regions 
at the onset of recrystallisation (6th pass). Throughout the passes the driving 
pressure increases. This promotes nucleation from deformation zones around 
particles, and the increased PSN activity causes the cube fraction to decrease. After 
the 10th pass (transfer gauge) the material is fully recrystallised with a cube fraction 
of slightly more than 10%, a value that is in good agreement with experimental 
observations (12,13). 

Since the 3 final passes are completed in a 3-stand tandem mill, the inter-annealing 
times of pass 11 and 12 are so short that no recrystallisation takes place. Thus, the 
cube surface areas increase and the cube nucleation mechanism becomes more potent. 
This is further enhanced by the fact that PSN approaches its saturation limit. The 
result is an increase in the strength of cube and the values of almost 30% cube at the 
exit gauge seem reasonable. Figure 16c show that the recrystallised grain size (in the 
transformed material) decreases with increasing pass number. This is in accordance 
with the increasing driving pressure. In both cases the exit gauge recrystallised 
grain size was found to be slightly more than lOJ.1m. The self-annealing time for fully 
transforming the material was in both cases of the order 1500 seconds. Both the exit 
grain size and the self-annealing time are in fair accordance with experimental 
findings. However, the values of the recrystallised grain size (-50J.1m for low Pz and 
-100J.1m for high Pz) at the transfer gauge (10th pass) are higher than experimental 
findings. At the transfer gauge the driving pressure is relatively low so that a Zener 
drag strongly influences the number of nuclei. This might indicate that the Zener 
drag is overestimated in the model. 
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Figure 17 illustrates the effect of the exit gauge temperature on the cube strength. 
In the low Pz case no effect is predicted. However, in the case of a high Zener drag 
the strength of the cube recrystallisation texture increases with increasing exit gauge 
temperature until it reaches a plateau and then slowly decreases. It is interesting 
to note that this cube behaviour is in agreement with industrial experience, as 
reported by Hutchinson et al. (68). It is also interesting to note that changes in the 
dispersoid level will, according to the present model, change the density ratios 
between the different types of sites (cube, particles, GB's) in a rather unforseeable 
way. Due to the lack of experimental data from a commercial hot-line, it is difficult 
to judge these model predictions. Both cases give a fair cube prediction at the 
transfer and exit gauges. The kinetics is best described by the high Pz case. This 
case also predicts the right effect of the exit gauge temperature. However, the grain 
size associated with the final reversible passes are too large which is an indication 
of that the effective driving pressure is under-estimated, for a more in depth 
discussion, see Vatne et al. (18). 

Final Remarks 

Although this new recrystallization model is capable of providing semi-quantitative 
predictions of the grain size and texture variations due to changes in the main 
processing variables during hot deformation, the model is at present only in an early 
stage of development. A more profound insight is needed into the complexities of the 
nucleation and growth of recrystallization before a "full-flight-model" can be 
constructed. On the other hand, in the opinion of the present authors, the basic 
physical elements have been recognized, and further, the strength of this modelling 
approach is that it focuses on the critical experiments required for continued 
progress. 
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